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Zirconium alloys exhibit a wide variety of phase transformations. The present review
outlines some aspects of phase transformations, which are encountered in rapidly
solidified zirconium alloys. The possibility of solidification of unalloyed zirconium directly
into the low temperature phase is examined and the role that solidification microstructure
plays in modifying the β to α martensitic transformation in rapidly solidified material is
discussed. Zirconium alloys undergo two types of displacive transformations, namely, the
martensitic transformation and the ω transformation. The influence of rapid solidification
on the transition from the martensitic to the ω transformation is also discussed. Addition of
transition metals are known to depress the melting point of zirconium alloys very
drastically. As a consequence, glass forming abilities of a number of binary and ternary
zirconium alloys are quite strong. A number of zirconium based metal-metal amorphous
alloys have been synthesized using rapid solidification. In recent years, this work has been
extended to bulk metallic glasses, which usually contain a larger number of alloying
elements. Crystallization of these glasses and quasi-crystalline phase formation in these
systems is also discussed. C© 2004 Kluwer Academic Publishers

1. Introduction
Zirconium based alloys exhibit many interesting phase
transformations. In fact the variety of phase transforma-
tions that one encounters in zirconium based systems
is even wider than that in iron based systems that are
often taken as examples for illustrating phase trans-
formations of different kinds in metals, alloys, inter-
metallics and ceramics. An attempt will be made in a
forthcoming publication [1] to demonstrate that zirco-
nium based systems not only provide a wider range
of transformations but also reveal some of the fun-
damental features of transformations in a more lucid
manner.

Rapid solidification processing has been employed
extensively for controlling phase transformations in-
volving both solidification and subsequent solid state
transformations. An investigation on how rapid so-
lidification processing influences transformation be-
haviour of zirconium based alloys was initiated in
1978 in the Engineering and Applied Sciences De-
partment of University of Sussex under the leader-
ship of Professor Robert W. Cahn. The subject grew
since then in different directions and today multi-
component zirconium alloys find an important place
amongst the new class of amorphous materials usu-
ally known as bulk metallic glasses. The present paper
which is dedicated to Professor Robert W. Cahn on the
occasion of his 75th birthday deals with some novel
phase transformation aspects of rapidly solidified zirco-
nium alloys involving both solidification and solid state
transformations.

2. Direct liquid to α transformation
The Allotropic modification from the low temperature
hcp α to the high temperature [above 862◦C] bcc β is
well known for pure zirconium. Liquid zirconium when
solidifying under equilibrium conditions generates the
β phase, which subsequently transforms into α on fur-
ther cooling. Under nonequilibrium cooling conditions
of rapid solidification processing, there exists a possi-
bility of transforming the liquid directly into the low
temperature α phase. The feasibility of such a process
can be examined from thermodynamic considerations
by plotting free energy [G] as a function of temperature
[T] for the liquid, the β and α phases. The G-T plots
for Zr were drawn from data obtained from ref. 2 and
are shown in Fig. 1. The equilibrium melting temper-
ature is given by the point of intersection of the free
energy versus temperature lines corresponding to the
liquid and the β phase. In a similar manner one can
argue that there exists a ‘melting temperature’ [Tα/L]
of the α phase which will be given by the point of in-
tersection of G-T lines corresponding to the liquid and
the α phases. Therefore, from thermodynamic consid-
erations direct liquid to α transformations is feasible
only when a super cooling of the liquid is achieved to a
temperature below Tα/L. In order to examine this possi-
bility, experiments were conducted by rapidly quench-
ing pure zirconium and examining their microstruc-
ture with a view towards identifying the transformation
path.

Banerjee and Cantor [3] have reported the mi-
crostructure produced in unalloyed zirconium and in
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Figure 1 Free energy (G) vs. temperature (T) plot for pure Zr. The in-
tersection of the curve for α Zr phase with that of the liquid phase gives
the melting point of the α Zr phase.

zirconium-niobium alloys by rapid quenching from
the liquid state. In the majority of the experiments,
it was seen that the liquid first solidified into the β

phase, which subsequently underwent β → α marten-
sitic transformations (Fig. 2a). However, in some ex-
periments it was found that cellular structure of the
α phase is produced with intercellular region being
rich in Si and O (Fig. 2b). Energy dispersive X-ray
analysis of the α cells and intercellular regions re-
vealed that these samples which underwent direct liq-
uid to α transformations were contaminated with oxy-
gen and silicon, both these elements being potent α

stabilizers.
This set of experiments, therefore, pointed out that

rapid solidification by splat quenching with cooling rate
of about 106◦C/s is not able to suppress the nucleation
of the β phase during solidification in pure zirconium
in spite of the large super cooling introduced. However,
with the enhancement of α stability, the requirement of
super cooling for direct α formation is reduced making
it possible to nucleate the α phase directly by skipping
the β phase altogether. This aspect of direct solidifi-
cation into a low temperature phase skipping the high
temperature equilibrium phase is an issue of fundamen-
tal interest that needs to be examined in detail. However,
very few studies have been made addressing this issue.

3. Influence of rapid solidification
on martensitic transformation

Cantor and co-workers [4, 5] have systematically stud-
ied the influence of rapid solidification on the marten-
site microstructure produced in rapidly solidified
iron-based alloys. The most important result they have
reported is that the size of the martensite plates is sub-
stantially reduced by rapid solidification processing.
They have rationalized this result in terms of the re-
finement of the austenite grains emanating from the
liquid phase during rapid solidification and the conse-
quent reduction in the size of martensite plates which
are confined within the parent austenite grains.

The crystallography of the martensitic transforma-
tion in zirconium and its alloys is relatively simple

as the Bain strain, which transforms the lattice from
the β phase to the α phase at 862◦C (for pure zirco-
nium), nearly satisfies the invariant plane strain (IPS)
condition [6]. This can be seen from the lattice corre-
spondence (Fig. 3a) and the magnitude of lattice (Bain)
distortion associated with the transformation, as given
by

= η1 0 0

0 η2 0

0 0 η3

where, η1 = √
3/2aα/aβ ; η2 = aα/aβ and η3 =

cα/2aβ . These are the distortions in the principal di-
rections. aα, cα and aβ are the lattice parameters of the
α and the β phases respectively. The substitution of
lattice parameters of pure zirconium shows that the lat-
tice strains are approximately 10% tensile, 10% com-
pressive and 2% tensile, respectively, along η1, η2 and
η3 directions. If the 2% tensile strain in the η3 direc-
tion is neglected, the strain ellipsoid (Fig. 3b) shows
that the vectors OA and OX and the vertical planes
passing through AOB and X OY remain undistorted by
the Bain strain. A rigid body rotation of 5.26◦ around
the η3 axis, which brings OA′ in coincidence with OA,
when superimposed on the Bain strain establishes the
IPS condition. The rigid body rotation can be either
clockwise or anticlockwise making the vertical planes
passing through OA′ or OX′ as the habit plane, which
remains undistorted and unrotated.

In order to accommodate the 2% strain along the η3
direction, a lattice invariant strain of a much smaller
magnitude, in comparison with that necessary in steels,
needs to be introduced. As a consequence, the sub-
structure consisting of either a stack of twins or a peri-
odic array of dislocations, is far less dense in zirconium
martensites than in steels and therefore more amenable
for detailed characterization. The lattice invariant strain
(LIS) systems which are most probable from the con-
sideration of minimization of the LIS magnitude are the
following:

(a) Twin along {102̄1} plane
(b) Slip in the {102̄1} 〈2̄123〉 system
(c) a combination of {12̄1} twin and a {102̄1} 〈2̄123〉

slip which are mutually compatible.

Experimental validation of all these modes of LIS
and of the corresponding habit planes has clearly vindi-
cated the applicability of the phenomenological theory
in this system. The large spacing of internal twins has
also enabled creation of a zig-zag habit in a scale eas-
ily resolvable by TEM. The two options of rigid body
rotation (clockwise and anticlockwise) bring about two
physically distinct situations, namely, either one or both
twin components satisfy the IPS condition approxi-
mately. The corresponding substructures clearly depict
the consequence—formation of either a stack of very
thin twins or of alternate twins with the thickness ratio
of 1:4.

The structure of martensite produced in rapidly so-
lidified pure zirconium and zirconium–niobium alloys
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(a)

(b)

Figure 2 (a) Bright-field micrograph showing the formation of the β phase from the liquid followed by a martensitic transformation. (b) Bright-field
micrograph showing the formation of the α phase directly from the liquid phase.

was reported in the work of Banerjee and Cantor [3],
which has revealed the interplay of the solidification
structure and the subsequent martensitic transforma-
tions. In case of partitionless solidification, the β grains
inherit the composition of the liquid and these grains re-
main compositionally homogeneous. Martensite plate
once nucleated can, therefore, propagate across the en-
tire parent β grains. When cellular morphology of the
β grains are produced, the composition of the β grain
changes from the centre of the cells to their peripheries.
This variation in composition is associated with a grad-
ual drop in the Ms temperature, as shown in Fig. 4 in
the case of Zr-Nb alloys where Nb is a β stabilizing el-
ement. The growth of the martensite plate nucleated in
a β cell of varying composition is, therefore, expected
to stop when the tip of the plate reaches a point where
the Ms temperature is lower than the quenching tem-
perature. Under these circumstances, martensite plates

remain confined within the individual cells of the so-
lidification structure.

In case the Ms temperature in the inter cellular re-
gion is not depressed below the quenching temperature,
the growing martensite plates can cut across inter cel-
lular boundary disregarding the variation in chemical
composition in its path. Examples of the latter type of
martensitic growth were encountered more frequently
in Zr-Nb alloys with Nb level upto about 3% (Fig. 5).

4. Competition between two displacive
transformations: β→ α′ and β→ ω

Zirconium alloys are known to exhibit two distinct dis-
placive transformations—the β → α′ martensitic and
β → ω transformations [7], the Ms temperatures corre-
sponding to the two processes being depicted in Fig. 4.
Martensitic transformation has been described in the
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(a)

(b)

Figure 3 (a) Lattice correspondence between the α and β phases. (b)
Strain ellipsoid corresponding to the martensitic transformation in Zr
alloys.

previous section while the ω transformation is dis-
cussed below:

The ω phase, which is an equilibrium phase in Group
IVA metals at high pressures, forms in several alloys
based on titanium, zirconium and hafnium and also in
many other bcc alloys as an athermal transformation
product [7].

Figure 4 Variation of Ms and ωs temperatures with Nb content in case of Zr-Nb alloys.

The mechanism of the β → ω transformation can be
viewed as a collapse of the (222) lattice planes of the bcc
structure in a sequence shown in Fig. 6 . The ABCABC
stacking of the (222) planes changes to the AB′AB′
stacking of the basal planes of the ω phase as B and
C planes are collapsed on to the intermediate B′ plane,
keeping the A layer unaltered. The periodic displace-
ment of the (222) planes can be represented as a lon-
gitudinal displacement wave, where the displacement,
Up, of the pth plane is expressed as

Up = Ad sin Kω Xp

Ad being the amplitude and Kω the wave vector
(= 2π/3d222) of the displacement wave and Xp (=
pd222) being the distance of the pth (222) plane from
the origin. The athermal β → ω transition is associ-
ated with the following characteristic features: (1) the
appearance of an extensive diffuse intensity distribu-
tion with the maximum intensity located close to the
ideal ω reflections, as a precursor to the transformation
event; (2) the occurrence of a pronounced dip in the
〈ξξξ〉 longitudinal phonon dispersion curves in the ω-
forming systems at a position slightly away from that
corresponding to ideal ω (ξ = 0.667); and (3) the sta-
bility of the dual-phase β +ω structure with extremely
fine (1-2 nm) ω particles distributed in the β matrix
along 〈111〉β directions. In order to account for these
characteristic features, Cook [8] has invoked a mod-
ulated ω structure associated with a wave vector Km
which is close to but slightly larger than Kω. The mod-
ulation arises owing to the difference Km − Kω(= q)
and the resulting long period structure, which consists
of ω wave packets dispersed in the β matrix, is associ-
ated with a lower free energy than the ideal ω structure.

Both the β → α′ and the β → ω transformations are
associated with start temperatures as Ms(α′) and Ms(ω),
the temperature dependence of which are shown in
Fig. 4. As can be seen from this figure, Ms(ω) is encoun-
tered first while quenching in alloys with Nb content ex-
ceeding 7%. Therefore, in alloys containing upto about
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Figure 5 Bright-field micrograph showing martensitic structure cutting across the cellular boundaries.

Figure 6 Lattice correspondence between the β and ω structures. Po-
sitions 0, 1, 2 and 3 represent layers A, B, C and A respectively. The
position in-between 1 and 2 which has been denoted as 1, 2 represents
layer B′.

7% Nb quenching produces α′ martensite whereas in
those with Nb content higher than 7% the β → ω trans-
formation occurs on quenching from the solid state. In
rapidly solidified samples, it was observed (Fig. 7) that
this transition from the β → α′ to the β → ω is shifted
to a position close to about 5% (Fig. 4). Fig. 7 is a dark
field micrograph showing the formation of ω phase in
Zr-5% Nb alloy. This observation has been attributed
to a higher concentration of vacancies in rapidly solid-
ified samples. Vacancies are known to stabilize ω-like
defects, which can promote the β → ω transformations
in preference to the β → α′ transformations in alloys
containing Nb higher than 5% [2].

5. Chemical ordering of the ω phase in
rapidly solidified Zr-Al and Zr-Al-Nb alloys

Banerjee and Cahn [9] reported the occurrence of the
β → B82 transition in a rapidly solidified Zr-27 at.%
Al alloy which underwent a spinodal decomposition
prior to ordering. Since the as-quenched structure was
an already decomposed structure (Fig. 8), it was not

possible to follow the transformation process starting
from a homogeneous supersaturated solid solution. The
rapid solidification structure of Zr3Al, more recently
investigated by X-ray diffraction, has shown presence
of a retained β structure which, on mechanical grinding,
has been seen to amorphize rather easily. A detailed
investigation by means of TEM on two samples (A and
B) of melt-spun Zr3Al, supplied by S. Gialanella, has
revealed the following features. Sample A has solidified
into a supersaturated β phase, which does not show
any sign of decomposition in the as-quenched state. A
layer of an amorphous phase has also been detected
on this sample. Sample B, apparently quenched at a
slower rate, shows a modulated structure (Fig. 9) with
a distribution of fine, ordered ω particles. This sample
shows a structure remarkably similar to that observed
by Banerjee and Cahn [9].

Sample A was aged at different temperatures to ex-
amine the steps in the structural evolution. The initial
spinodal decomposition, followed by the formation of
B82 particles in the aluminium-enriched regions, could
be detected in this sample. Fig. 9 shows the 〈100〉
spinodally modulated structure and the corresponding
asymmetric side bands in the diffraction patterns could
be seen in Fig. 9. The presence of B82 superlat-
tice reflections confirmed that the ordered phase has
a B82structure. The transformation sequence during
rapid solidification and subsequent cooling or ageing
has been found to consist of the following steps, con-
sistent with those reported earlier:

1. Solidification into the supersaturated β phase
through a partitionless solidification process.

2. Spinodal decomposition of the β phase, resulting
in a 〈100〉 modulated structure.

3. Formation of Zr2Al particles, a single parti-
cle forming within each cuboidal-shaped aluminium-
enriched region.

4. Athermal β → ω transformation in the alumi-
nium-depleted regions, resulting in a (β +ω) structure.

5. Transformation of the metastable (β +ω) regions
into the equilibrium α phase on ageing.
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Figure 7 Dark-field micrograph showing ω particles in rapidly solidified Zr-5Nb alloy.

(a)

(b) (c)

Figure 8 Bright-field micrograph of Zr-27 at.%Al alloy showing undulated boundaries characteristic of solidification morphology and a mottled
contrast of the matrix resulting from fine scale Zr2Al precipitates; (b) Homogeneous distribution of Zr2Al particles as revealed from dark-field images
taken with a Zr2Al reflection (c) Cellular structure leading to Al enrichment at cell boundaries where higher density of Zr2Al particles are seen.
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Figure 9 (a) Bright-field electron micrograph showing Zr2Al particles. Contrast revealed under different operating reflections, g. Dark-field images
with matrix reflections 〈200〉β exhibit {100}β striations perpendicular to g ((b) and (d)) while striations along both {100}β planes are seen under
(110)β reflection (f). Dark-field images of the same area with 〈101̄1〉 Zr2Al reflections (coinciding with 〈100〉β positions) bring Zr2Al particles in
bright contrast, ((c) and (e)). Contrast variation under different operating reflections and the alignment of Zr2Al particles along {100}β planes are
more clearly demonstrated in the set of micrographs (h), (i) and (j).

The lattice correspondence between the bcc and the
B82 structures, as shown in Fig. 10 clearly, indicates that
the β → B82 transition can be viewed as a superimposi-
tion of periodic displacements and a concentration wave
on the bcc structure. The displacement wave (identical
to that corresponding to β → ω) and the concentration
waves that can accomplish the transition are shown in
Fig. 11. In contrast with the fine particle morphology
of athermal ω particles that remain aligned along 〈111〉
directions in the dual-phase β + ω structure, the Zr2Al
particles have been found to be of a fairly large size
(about 20 nm). Cuboid-shaped aluminium-rich regions
form at the nodes of the three-dimensional 〈100〉 con-
centration waves. These aluminium-rich regions finally
transform into a single Zr2Al particle. The fact that
within each of these cuboids neither all possible vari-
ants are nucleated nor a dual-phase structure is formed
suggests that the transition occurs homogeneously and
not by a nucleation and growth process. This is quite
likely in view of the large supercooling provided in the
present case where the Ms(ω) temperature is as high as
about 1300 K.

Having observed the displacive/replacive β → B82
transition in rapidly solidified binary alloys close to the
Zr3Al composition, an attempt has been made to sta-
bilize the β phase by introducing a ternary element,
niobium. The rapidly solidified structures of (Zr3Al)-
3% Nb and (Zr3Al)-10% Nb show a distribution of or-
dered particles in a β matrix (Fig. 12a). SAD patterns
from the ordered phase in these alloys, though remark-
ably similar to those associated with the B82 structure
for most of the zone axes, were found to be consistent
with D88structure, which is the reported structure of
the equilibrium Zr5Al3 phase. On the basis of the ob-
served orientation relationship between the β and the
D88 structures and their lattice dimensions, the lattice
correspondence between the B2 and the D88 structures
has been determined (Fig. 12b). It is clear from this cor-
respondence that the β → D88 transition can also be
described in terms of a combination of displacive and
replacive ordering. Omega-like displacement modula-
tions can generate the right sequence of atomic layers.
Suitable chemical ordering superimposed on this can
produce the D88 structure. It must be emphasized here
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Figure 10 Lattice correspondence between the bcc and the B82 structures.

Figure 11 Periodic displacement and concentration waves correspond-
ing to the β → B82 transition.

that the D88 structure is a vacancy ordered structure,
which has 16 atoms per unit cell as against the 18 atoms
of the bcc structure that are involved in producing the
D88 structure. The ease of retention of high vacancy
concentrations in the bcc structure on quenching from
the liquid state and the thermodynamic stability of va-
cancies in vacancy ordered structures like D88 appear
to be responsible for including the β → D88 transition
during rapid quenching from the liquid state.

6. Glass formation in Zr based alloys
Zr-based alloys have been obtained in the glassy state
by rapid solidification as well as by bulk glass form-
ing techniques. Identification of factors that determine

whether a particular alloy can be obtained in the form
of rapidly solidified metallic glasses or bulk metal-
lic glasses, though quite important, is not very easy.
There is no single key parameter, that can alone de-
scribe glass-forming ability (GFA) [10], since numer-
ous factors have been found to influence GFA. Thermo-
dynamically, glass formation is favoured within certain
composition ranges of some systems where the free
energy difference between the supercooled liquid and
the metastable and stable phases competing with glass
formation is as small as possible [10]. Similarly, there
are approaches based on kinetic factors, size and elec-
tron theory considerations. The free energy of the liquid
phase and that of the intermetallic compounds can be
established by determining the free energy of differ-
ent phases as a function of composition in binary alloy
systems. This is possible by a thermodynamic analysis
of the phase diagram incorporating some experimental
thermodynamic data [11]. From the free energy hierar-
chy of several competing phases it could be observed
that in the Zr-Ni system, the driving force for crystal
formation in Zr-rich alloys was much smaller in case
of Zr67Ni33 as compared with that of the Zr76Ni24 al-
loy [11]. This observation was indicative of the fact
that thermodynamically glass formation tendency was
greater at compositions close to that of the first inter-
metallic compound and not the first eutectic compo-
sition. The Zr transition metal-metal systems provide
opportunities for comparing the glass forming ability
of the eutectic compositions such as Zr76Ni24 and of
intermetallic compounds such as Zr76Fe24. The eutec-
tics, though considered better glass formers, can in fact
have a poorer glass forming ability due to the presence
of metastable phases competing with glass formation
or low viscosity of the melt at the eutectic composition
due to lack of ordering in the melt. On the other hand,
glass formation in the intermetallic compounds may be
favoured because of the higher viscosity of the melt due
to ordering in the liquid phase or due to slow nucleation
of the intermetallic compounds because of their com-
plex structure. This conclusion has been arrived at by

3992



SPECIAL SECTION IN HONOR OF ROBERT W. CAHN

(a)

(b)

Figure 12 (a) Bright-field micrograph showing the distribution of ordered ω particles in a β matrix. (b) Lattice correspondence between the β and
the D88 structures.

considering the kinetic factors as well and is elaborated
on later.

Another approach based on thermodynamics is the
concept of the To curve [12, 13]. The To curve in the
phase diagram is the locus of compositions at each tem-
perature, where the liquid and the solid phases of the
same composition have the same value of the molar
free energy. The position of the To line in the phase
diagram should be known in order to make predictions
about the formation of a single solid solution after rapid
solidification for a given alloy system. Based on the
position of To curves in the phase diagram, Dey et al.
[14] and Boettinger et al. [15] have examined the con-
ditions for partitionless solidification. In composition
ranges where the To temperature is depressed, it has
been suggested that glass formation is easier. In alloys
having low To, if rapid solidification can suppress alloy

partitioning, the liquid can be undercooled to such an
extent that it can be vitrified. The position of the To line
in the Zr-Ni system has been established by an approach
suggested by Katgerman [16] and it could be seen that
To drops rapidly with increasing Ni content (Fig. 13),
indicating that exceptionally large undercoolings will
be required for formation of β phase of the same com-
position as the liquid in hypereutectic compositions,
a factor which will favour glass formation in these
compositions.

During glass formation, the destabilization of the
crystalline phase rather than the stabilization of the
glass phase is important [17]. By supercooling a liq-
uid in such a way that crystal nucleation and growth is
avoided, glass can be obtained in any liquid. The avoid-
ance of crystal formation approach has been found to
be the most appropriate, out of the several approaches
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Figure 13 The liquid/βTo lines drawn on the zirconium rich side of the
Zr-Ni phase diagram. Firm line—regular solution. Dotted line—ideal
solution.

suggested for evaluation of the glass forming ability
of the alloys. Crystal nucleation and growth kinetics
are considered separately in this approach. From the
crystal nucleation point of view, the conditions under
which a “glass” can form are: (i) complete suppression
of nucleation, (ii) limited nucleation of crystals but no
significant growth of these, and (iii) nucleation of a
very few isolated crystals followed by their substantial
growth while the major part of the matrix vitrifies. The
quenched product can be qualified to be an amorphous
material if the volume fraction of the crystalline phases
present is negligibly small. Condition (i) is difficult to
achieve during a process like melt spinning. Condi-
tion (ii) leads to the formation of quenched-in nuclei,
which do not get an opportunity to grow. This condi-
tion is most readily satisfied during melt spinning in the
case of Zr-based glass forming alloys. Consequently,
the amorphous matrix usually contains a distribution
of quenched-in-nuclei, their density being controlled
by the rate of nucleation during the cooling down path.
Though transient nucleation times are of the order of
microseconds, for rapid quenching such short transient
times are significant, because these are a good fraction
of the total solidification time [18, 19]. Savalia et al.
[20] have calculated the transient nucleation times in the
case of Zr-based ternary glasses based on an approach
suggested by Kelton et al. [18, 19]. The quenched-in-
nuclei are very small in size and volume fraction and
hence are very difficult to detect. High-resolution elec-
tron microscopy can be used to determine the structure
of these as has been done by Savalia et al. [20]. These
nuclei mostly form in the transient nucleation stage be-

fore the attainment of the steady state nucleation rate
[18, 19]. Savalia et al. [20] have also calculated the
steady state nucleation frequency using the equation
proposed by Turmbull [21] and have found it to be much
higher in Zr-based alloys as compared with that in a very
good glass forming system like Pd-Si [20, 22–24]. In
Zr-based alloys amenable to glass formation by rapid
solidification, therefore, glass formation is possible
only if homogeneous nucleation is avoided. However,
in bulk glass forming Zr-based alloys the role of het-
erogeneous nucleation acquires a greater significance.
This aspect will be discussed later. Condition (iii) leads
to the formation of a few large crystals in a matrix of
the amorphous phase, the crystalline particles being few
and far between. A study of the microstructure of these
partially crystalline materials yields information re-
garding the identity of the crystalline phase competing
with glass formation, their formation mechanism from
the liquid phase, and estimation of the quantity of the
crystalline phase gives the glass forming ability of the
alloy.

Easy glass formation not only requires slow nucle-
ation but also needs slow growth of crystals, which
may be slow due to either need for partitioning of so-
lutes or due to the need for chemical ordering in the
growing phase. The interface temperature of a crystal
growing in a undercooled melt has been calculated by
Savalia et al. [20] using the one-dimensional model
for crystal growth developed by Greer and Evans [25].
Their calculations have shown that for a ternary Zr-
based alloy Zr76Fe16Ni8, for a very small superheat the
interface temperature drops below Tg before the liquid
to crystal transformation is complete, indicating easy
glass formation in this alloy. The relative glass forming
ability of some alloys in the Zr-Ni system has been de-
termined by estimating the amount of crystalline phase
in the partially crystalline alloys [26]. The morphol-
ogy of the crystals in the partially crystalline alloys has
been examined by Dey and Banerjee [27] and Tanner
[28]. The former authors encountered single crystals
(Fig. l4a) and crystal aggregates (Fig. l4b) embedded
in the amorphous matrix. A very interesting sunflower-
like morphology (Fig. l4b) arising out of twin-relation
between the adjacent crystals could be seen in some of
these aggregates. Depending upon the local conditions
of solidification, different types of crystal/amorphous
interfaces were encountered [20, 27].

In many of these studies, estimates of the nucle-
ation frequencies and that of the growth rate have been
made using the free energy difference between the crys-
talline phase and that of the liquid phase at different
levels of undercooling. This quantity can be estimated
by various methods. Savalia et al. [20] were the first
to make an attempt to evaluate this quantity from ex-
perimentally determined parameters. Their approach
has been elaborated in ref. [11]. The overall crystal
formation kinetics can be evaluated in terms of clas-
sical phase transformation kinetics theory and repre-
sented as isothermal time-temperature-transformation
(TTT) diagrams. Such diagrams were first developed by
Ulhman [29] and subsequently used by Davies [30] to
determine the value of the critical cooling rate to just
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(a)

(b)

Figure 14 (a) Bright-field electron micrograph showing a single crystal
and (b) an aggregate of crystals embedded in amorphous matrix of Zr
based glass.

avoid crystallization. Savalia et al. [20] have used this
approach and the �Gc calculated from experimentally
determined parameters for estimating the critical cool-
ing rate for glass formation in the case of Zr76Fe16Ni8
and found it to be close to 106 K/min. This value is in
good agreement with that for other alloys in this system
[20]. The TTT diagrams for two Zr-Ni alloys, Zr67Ni33
and Zr76Ni24 were constructed by Dey [31]. It could be
seen from these diagrams that the critical cooling rate
for glass formation was lower for the Zr76Ni33 alloy
as compared with the Zr76Ni24 alloy, though the lat-
ter is the eutectic composition. This estimation clearly
demonstrated that the eutectic composition need not
necessarily be the composition at which glass forma-
tion is the easiest. The factors of importance are the
viscosity of the melt and the free energy difference be-
tween the liquid and solid phases.

The formation of bulk metallic glasses can also be
based on certain criteria. According to Liu et al. [32],
the important points which need to noted for bulk metal-
lic glass formation are: (a) multicomponent systems
consisting of more than three elements, (b) large atomic

size ratios above 12 pct among the constituent ele-
ments, and (c) negative heats of mixing among the el-
ements. These are thermodynamic criteria. There are
some kinetic criteria also. The foremost requirement
is the avoidance of crystallization. Bulk glass forma-
tion occurs when crystal nucleation and growth can be
avoided even at low cooling rates. Besides other factors,
diffusivity in the melt is one important factor control-
ling the kinetics of crystal nucleation and growth in
the under cooled melt. In ceramic and organic systems
where bulk glass formation is very easy, melt viscosi-
ties below melting point has been found to be very high
[33]. In metallic systems as well, the formation of bulk
metallic glass would be easy if the melt viscosities are
high. A large number of Zr-based alloys have been ob-
tained in the bulk amorphous state [37]. It appears that
not only are the melt viscosities high for these alloys,
�Gc the free energy difference between the liquid and
the crystalline phase competing with glass formation,
is also low. The lower values of �Gc in the case of
Zr based ternary Fe-and Ni-bearing glasses as com-
pared with other estimates has been indicated in the
study carried out by Savalia et al. [20]. Threat to glass
formation in case of bulk glass forming alloys is not
from homogeneous nucleation, because homogeneous
nucleation frequencies are low in such alloys. Hetero-
geneous nucleation of crystals is likely to pose a more
serious challenge to glass formation in such alloys, and
it is necessary to completely eliminate or minimize het-
erogeneous nucleation sites in these alloys in order to
get bulk glass. A very large number of Zr-based alloys
have been obtained in the glassy state in bulk and many
of these are listed in ref. [34].

7. Crystallization of Zr-based metallic glasses
Zr-based metallic glasses show a variety of crystalliza-
tion modes that have been studied in detail in Zr-Cu, Zr-
Cr, Zr-Be, Zr-Ni and Zr-Fe systems [35–40]. Primary,
eutectic and polymorphic crystallization reactions have
been encountered in these glasses. Studies in Zr-based
ternary glasses are fewer in comparison. The over-
all crystallization kinetics has been studied in a num-
ber of Zr-based binary alloys by differential scanning
calorimetry (DSC) [27, 38, 39]. The activation energy
of crystallization has been determined by the Kissinger
peak shift method in the case of Zr-Ni, Zr-Fe and Zr-Fe-
Ni alloys [38–40]. Dey et al. [ 27, 40–42] have studied
the crystal nucleation and growth kinetics separately by
TEM in case of Zr67Ni33 and Zr76Fe24 glasses which un-
dergo polymorphic crystallization leading to the forma-
tion of Zr2Ni and Zr3Fe phases, respectively. Dey et al.
[39] have found that the nucleation density increased
with time linearly at all temperatures. They found that
the growth rate of the crystals was constant at each
temperature for the alloys showing polymorphic crys-
tallization [39]. The Zr76Ni24 glass undergoes eutectic
crystallization leading to the formation of the α?(hcp)
and the Zr2Ni (bct) phases. A continuous substitution
of Fe by Ni is not expected in these intermetallic phases
during the crystallization of amorphous alloys contain-
ing progressively increasing amounts of Ni, since the
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equilibrium Zr3Fe and Zr2Ni phases are not isostruc-
tural. Zr3Fe phases has a base—centered orthorhombic
(bco) structure. Dey et al. [39] in their study of crystal-
lization of Zr-based ternary glasses containing Fe and
Ni have attempted to address the following questions:
(a) How the addition of the third alloying element ef-
fects the process of crystallization? (b) Whether any
new phases form in these alloys during crystallization?
and (c) To what extent Fe and Ni can be mutually substi-
tuted in the intermetallic compounds Zr3Fe and Zr2Ni?
It was observed by Dey et al. [39] that addition of Ni to
the Zr-Fe alloys reduces the thermal stability of these
glasses. These authors have shown [39] that in compo-
sitions where surface crystallization occurs, the crys-
tallization temperature drops substantially.

Crystallization of rapidly solidified as well as bulk
metallic glasses can also lead to the formation of
nanocrystalline structures. In the Zr-based ternary al-
loys having compositions Zr76Fe24−xNix where x <

12, Dey et al. [39] have shown that nanocrystal for-
mation can occur under suitable conditions of crys-
tallization. The requirement for the formation of the
nanocrystalline structures is that a large number density
of nuclei should form and these nuclei should grow to
the stage of impingement without leaving any untrans-
formed amorphous matrix and this can be realized if
the rate of steady state nucleation of crystals is high.
Though crystallization of rapidly solidified as well as
bulk glass can lead to the formation of nanocrystalline
structures, there is a subtle difference. The formation
of nanocrystals occurs only in glasses having certain
compositions, because the steady state nucleation rates
of crystals are high in these glasses. The formation of
nanocrystals during crystallization in the case of rapidly
solidified metallic glasses is expected in view of the

Figure 15 HREM microgrpah showing nanocrystal in crystallized bulk metallic glass.

fact that these are alloys where the steady state ho-
mogeneous nucleation rate is high. This is why these
compositions require rapid solidification to prevent ho-
mogeneous nucleation and facilitate glass formation.
In case of bulk metallic glass forming alloys, the ho-
mogeneous nucleation frequencies are low compared
with those compositions where glass formation requires
rapid solidification. Threat to glass formation in such
alloys is not from homogeneous nucleation, and bulk
metallic glasses can be obtained in these alloys at low
cooling rates provided heterogeneous nucleation has
been avoided. Though the homogeneous nucleation fre-
quency is low in bulk glass forming alloys, formation of
nanocrystalline phases has been noticed in many bulk
glasses after crystallization. In this regard, it is inter-
esting to compare the nanocrystal formation behaviour
of the bulk glass and the rapidly solidified Zr-based
glasses. The size of the nanocrystals can be made very
fine by suitable heat treatment in the rapidly solidified
metallic glass, whereas in bulk glass the crystal size
could not be made very small. This difference in size
can be traced to the fact that in case of bulk glass the
homogeneous nucleation frequency is low, which leads
to less copious nucleation of crystals as compared to
rapidly solidified metallic glass.

Dey et al. [43] have examined the nanocrystals
formed by crystallization of Zr52Ti6Al10Cu18Ni14bulk
metallic glasses using HREM (Fig. 15). The emphasis
of their studies has been in examining the structure of
the nanograin boundary and other types of defects in the
nanograins. The structure of the nanograin boundary
has been examined by HREM in the case of many ele-
ments like Cu and Pd in the nanocrystalline state [44–
46]. It could be seen in images examined by Dey et al.
[43] that the lattice fringes progressed from one end
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of the grain to the other and extending almost up to the
grain boundary. In some of the grains, a slight change in
contrast of the lattice fringes near the nanograin bound-
ary could be seen. This was mostly manifested in the
form of distortion and curving of the fringes. It was
possible to see a region along the grain boundary hav-
ing a different contrast. This region was localized to
a distance of about 0.5 nm. However, all the afore-
mentioned features were also encountered in images
of grain boundaries obtained from large-grained mate-
rial. In this regard, the observations are very similar to
those made by Thomas et al. [46] in case of nanocrys-
talline Pd where no manifestation of grain boundary
structures with random displacements of average mag-
nitude greater than 12% of nearest neighbour distance
could be observed. The nanograin boundary was found
to be a large angle grain boundary in most cases and
no coherency could be encountered between the planes
along any orientation. It was not possible to see the
presence of voids at any of the nanograin boundaries
examined. Dislocations were observed in the specimen,
though their number density was quite small. In some
of the grains, it was also possible to see features simi-
lar to stacking faults and antiphase domain boundaries
[47]. The ordered intermetallic compound phases, like
the ones examined in such studies [43, 48], provide
an opportunity to study interfaces like these because
these will not be readily encountered in pure elemental
nanocrystalline materials. The images of the antiphase
boundary observed in this study were compared with
those encountered in large grains of similar phases, and
structurally was observed to be very similar. The stack-
ing faults encountered in this study resembled those
seen in the case of phases having similar structure and
large grains [47].

Twins could be seen in many of the nanograins ex-
amined in studies carried out by Dey et al. [43]. The
structure of the twins in nanocrystals was found to be
identical to that seen in the case of large-grained mate-
rials. However, the propensity of these twins was found
to be much larger. This observation is in keeping with
that made in the case of studies carried out in many
other nanocrystalline solids where extensive twinning
has been found to occur [49, 50]. The presence of twins
in the nano-crystalline phases is most probably due to
the fact that the stress in the small grains is too large
because of their size and the growth of the nanograins
necessitates the formation of twins.

8. Zr-based quasicrystalline phases
A large number of alloy systems have now been identi-
fied where the quasicrystalline phase can be obtained by
crystallization of an amorphous phase. Many of these
alloys are Zr-based, and important alloys systems where
quasicrystalline phases have been found are Zr-Pd [51],
Zr-Ni-Ti [52] and other Ti/Zr-TM [53] alloys besides
multicomponent Zr-Cu-Ni-Al alloys [54]. Of these al-
loys, Zr69.5Cu12Ni11Al7.5, an alloy in the last mentioned
system, is now very well known for its quasicrystal for-
mation tendency after rapid solidification and crystal-
lization, and has also received considerable attention by

way of studies pertaining to hydrogen storage. In this
alloy and many other alloys, crystallization has led to
the formation of a nanoquasicrystalline solid. Savalia
et al. [55] have examined the structure of the nanograin
boundary in the case of this alloy and shown that there
are many similarities in structure of these boundaries
with those of grain boundaries in solids having large
quasicrytsalline grains. It has been proposed that many
of these alloys have icosahedral short range order in
their undercooled melts and amorphous phases [56].

9. Conclusions
This review highlights the variety of phase transforma-
tions that are possible in melt-quenched Zr-based al-
loys. These include direct liquid → alpha transforma-
tion, liquid → beta → martensitic transformation and
transformation of liquid → beta → ordered omega
phases, besides the liquid → glass and liquid →
nanocrystal transformation shown by many Zr-based
alloys. Zr-based alloys have also shown liquid → qua-
sicrystal and liquid → amorphous → quasicrystal
transformation. The various studies on zirconium-base
metallic glasses have made important contributions to-
wards a better understanding of several issues con-
nected with amorphous alloys. The glass forming abil-
ity of Zr based alloys can be rationalized on the basis of
the thermodynamic stability of the liquid phase and the
kinetic consideration of avoidance of a competing crys-
talline phase under a given condition of cooling. Crys-
tallization of rapidly solidified and bulk Zr-based metal-
lic glasses can lead to the formation of nanocrystalline
phases. In case of quasicrystal forming alloys, forma-
tion of nanoqausicrystals has also been encountered.
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